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A B S T R A C T

The creep behavior of nanocrystalline body-centered cubic Mo thin films was evaluated using nanoindentation
testing. The creep rate and the corresponding strain rate sensitivity (m) were found to be strongly dependent
upon indentation size and loading strain rate (LSR). Other than the mechanism of diffusion along indenter tip-
sample interface previously proposed for face-centered cubic metals and metallic glasses, alternative mechan-
isms involving surface effect enhanced screw dislocation activities, inverse indentation size effect of hardness
and LSR dependent microstructural and stress states, were proposed to interpret the observed dependence of
penetration depth and LSR of m.

1. Introduction

Body-centered cubic (bcc) materials, especially refractory metals
(e.g., Mo) widely applied in nuclear and defense industry, have been
extensively studied in the past decades [1–7]. In particular, refractory
metals with nanoscale grain sizes have attracted enormous attention
[8], due to their high melting temperature (generally higher than
1800 °C) and excellent mechanical properties, such as enhanced
strength, hardness and wear resistance. Creep is a time-dependent
plastic deformation usually occurring at elevated temperature under
applied stress [9–11]. For nanocrystalline (NC) metals, the high volume
fraction of grain boundaries (GBs) could result in enhanced creep de-
formation even at room temperature, thus strictly limiting their appli-
cations as structural materials. Great efforts were thence devoted to
evaluating and interpreting the creep deformation behavior of NC
metals [12–16]. Compared with the extensive work related to the other
mechanical properties of bcc metals [1–4,6], most of existing studies on
creep were based on face-centered cubic (fcc) metals, with only few
focusing on bcc metals [17,18], especially for NC bcc metals.

Different from fcc metals, screw dislocation related deformation
mechanisms dominated the plastic deformation of bcc metals [19,20].
Moreover, the density of screw dislocations was found to be grain size
dependent as no pure screw dislocation could exist when the grain size
was below a critical length scale about 100 nm [21]. More importantly,
numerous studies indicated that NC bcc metals exhibit a much smaller
strain rate sensitivity index m than their coarse grained counterparts

[19,20,22,23]. Even though improved understanding has been achieved
based on the aforementioned studies, the mechanisms controlling the
creep behavior of NC bcc metals and how the microstructural and de-
formation length scales affect the time-dependent plasticity are still
unclear and even subjected to intensive debate.

To evaluate the creep behavior, nanoindentation testing was widely
applied as an effective experimental technique for probing creep
parameters, such as the stress exponent [14], the activation volume
[24,25] and the strain rate sensitivity [26,27], which have been found
to exhibit a strong dependence on penetration indentation depth
[28,29]. Therefore, in the present study, the creep behavior of mag-
netron sputtering fabricated NC Mo thin films and its dependence on
penetration indentation depth and loading strain rate (LSR) were
characterized using nanoindentation testing. The controlling creep
mechanism and related size effects were proposed and discussed.

2. Experiments

2.1. Sample preparation

NC bcc Mo films with a fixed thickness of 1350 nm were deposited
via d.c. magnetron sputtering on single silicon wafer using high purity
target Mo (purity of 99.999%). The direct current sputtering power of
Mo target was 100W, and the deposited rate was about 7 nm/min. The
microstructures of Mo were investigated by the high resolution trans-
mission electron microscopy (HRTEM, JEOL 2100F, Tokyo, Japan)
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under accelerating voltage of 200 kV. And the TEM foils were prepared
and fabricated by ion beam milling technique via Gatan Precision Ion
Polishing System 691.

2.2. Nanoindentation creep testing

Nanoindentation creep tests with different LSR ranging from
0.005 s−1 to 0.2 s−1 were carried out using MTS Nanoindenter XP®
system (MTS, Inc) under Continuous Stiffness Measurement (CSM)
mode. The dwell time was set to be 100 s at each LSR in order to
evaluate the creep behavior of the NC Mo. The radius of the Berkovich
diamond indenter was ~50 nm. In addition, the creep tests were con-
ducted by depth control mode with the penetration depth varying
within the range from 15 nm to 200 nm (<1/7 thickness of the Mo film
to avoid substrate effects [30]). Eventually, each test was performed 12
times, and at least 8 effective data were involved in eventual analysis.

3. Results

Fig. 1(a) shows the plan-view bright field micrograph of the Mo
film, with the right bottom corner displaying the corresponding elec-
tron diffraction patterns. The average grain size was statistically cal-
culated by HRTEM analysis and the grain size distribution fitted normal
distribution was presented in Fig. 1(b), which indicated the average
grain size is about 38.2 nm. Moreover, a large amount of dislocations
(including both edge and mixed dislocations [31]) could be observed at
the area closer to grain boundaries, where the density of dislocations is
estimated to be about 1016 m−2 [31], and the width of grain boundary
is ~2 nm as shown in Fig. 1(c–d).

Fig. 2(a) displayed representative load-displacement (P-h) curves

upon nanoindentation testing for various penetration depths at a fixed
LSR of 0.1 s−1. The platform in each curve represented the load holding
regime where the applied stress was constant, as shown in Fig. 2(a).
Meanwhile the constant applied stress at holding regime enhanced with
increasing set indentation depth and LSR. Also, the curves for creep
displacement versus holding time were presented in Fig. 2(b), providing
deeper penetration depth results in larger creep displacement, with the
end of the curves generally assumed to be the steady-state creep period.
Eventually, the LSR dependent creep curves were shown in Fig. 2(c),
which indicated that faster LSR leads to larger creep displacement. Si-
milar trends were reported in NC fcc-Cu [31], tetragonal-Ta [32], and
even metallic glasses [33].

The creep rate εċreep of a crystalline metal could be empirically de-
scribed as [34]:
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where σ is the applied stress, A is a coefficient related to temperature
and microstructure, D0 is the diffusion coefficient, G is the shear
modulus, ΔQ is the activation energy for thermal-activated process, n is
the stress exponent, p is the grain size exponent, k is the Boltzmann
constant, T is the temperature, b is the Burgers vector and d is the grain
size. For uniaxial tensile testing, metals can exhibit significant creep
deformation only at temperatures higher than about half the melting
temperature Tm. For nanoindentation creep testing, in contrast, the
giga-pascal stress generated under the indenter could induce significant
creep deformation even at room temperature. Even though the highly
non-homogeneous stress state and continuously expanding deformation
volume under the indenter lead to a deformation behavior quite dif-
ferent from that under uniaxial tension, it has been well established that

Fig. 1. (a) TEM bright-field image and (b) grain size distribution of bcc-Mo film. (c) HRTEM image of NC Mo film and (d) Inverse Fourier-filtered image of (c).
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the results derived from indentation creep testing is comparable to
those derived from tensile testing.

For indentation creep, the strain rate applied via Berkovich indenter
could be expressed as [35]:

=ε
h

dh
dt

̇ 1
creep (2)

where h is the instantaneous indentation depth, t is the time, and dh/dt
represents the displacement upon indentation testing. Then, the curve
of h versus t could be fitted using an empirical equation, as [28]:

= + − + − + −h h a t t b t t c t t( ) ( ) ( )i i i i
0.5 0.25 0.125 (3)

where a, b and c are the fitting constants, and hi and ti are the pene-
tration depth and initial time at the onset of creep, respectively. The
dash dot lines in Fig. 2(b–c) represented the corresponding fitting
curves for creep displacement versus time. Based on Eqs. (2) and (3),
the creep rates were derived as shown in Fig. 3. Apparently, the creep
rate increased with shallower penetration depth and larger LSR. In
addition, the stress could be given by:

=σ P
h24.56 2 (4)

where P is the instantaneous applied indentation load right before
creep, and h is the instantaneous indentation depth during creep pro-
cess. Then, the strain rate sensitivity index m could be estimated from
typical double logarithmic curve of stress σ versus creep rate, as
[27,29]:

= ∂ ∂m σ εlog / log ċreep (5)

The values of m derived for each test were presented in Fig. 4, which
were significantly dependent upon indentation size effect (ISE) and
LSR: m increased with decreasing penetration depth and slower LSR.

Fig. 2. (a) Representative load versus penetration depth curves for selected
penetration depths ranging from 15 nm to 200 nm, at LSR of 0.1 s−1, (b) typical
creep displacement versus holding time curves at selected penetration depths at
LSR of 0.1 s−1 and (c) creep curves at creep depth of 50 nm.

Fig. 3. Creep strain rate (εċreep) plotted as a function of penetration depth (h) at
selected LSRs (0.005–0.2 s−1).

Fig. 4. Strain rate sensitivity (m) plotted as a function of penetration depth (h)
at selected LSRs (0.005–0.2 s−1).
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4. Discussion

The ISE of m as observed in Fig. 4 is not new as similar trends were
reported in metallic materials with a variety of lattice structures and
even in metallic glasses [29,36–38] as shown in Fig. 5. Numerous de-
formation mechanisms such as diffusion along indenter-sample inter-
face, GBS, Coble creep and dislocation power-law creep had been
proposed to interpret the depth dependent creep behavior. As the
atomic structures of the aforementioned materials were quite different,
the dominating mechanism corresponding to the ISE might be distinct
from each other. Therefore, the ISE of m for bcc metals with unique
atomic structures such as non-plannar core structure of screw disloca-
tion [19] may indeed be dominated via mechanisms different from
those of fcc or tetragonal metals [39], as discussed in the following.

Despite the quite different plastic deformation mechanisms among
metallic glasses, fcc latticed and bcc latticed metals, similar penetration
depth dependent m was observed in these materials as shown in Fig. 4.
For fcc metals and metallic glasses, diffusion along indenter-sample
interface was proposed to dominate their ISE of m, and the ISE was
effectively reduced as the indenter penetrated deeper where the free
surface was getting further away. Other than interfacial diffusion,
however, alternative mechanisms might operate in bcc metals as dis-
cussed below.

4.1. Diffusion creep mechanisms

First of all, creep deformation occurred within nanoscale grain size
of the present Mo thin film, and the ISE of m existed at each LSR as
shown in Fig. 5. Specifically, m increased from ~0.025 to ~0.24 with
decreasing penetration depth at LSR of 0.05 s−1. In general, the (n, P,
ΔQ) in Eq. (1) was used to distinguish the different dominated creep
mechanism [40], such as, (1, 3, ΔQGB), (1, 2, ΔQL), (2, 3, ΔQGB) and
(> 4, 0, ΔQL) were corresponding to the Coble (GB diffusion), Nabarro-
Herring (Lattice diffusion), GBS and dislocation power-law creep, re-
spectively. Apparently, the diffusion creep mechanism (the former two)
could be characterized by n=1. Whatever, the value of m is inversely
proportional to the stress exponent n (m=1/n), which suggested the
diffusion mechanism and the dislocation power-law creep could also be
described by m=1 and m < 0.25. Therefore, this observation in-
dicated transition of creep deformation mechanism, as m increasing
from 0 to approaching 1 had been taken as evidence for transition from
dislocation to diffusion creep mechanism, such as Coble creep [41],
GBS [42] and Nabarro-Herring diffusion creep [43].

For the present refractory Mo with large fraction of GB, its high

melting temperature (~2883 K) suggested that lattice diffusion gov-
erned by Nabarro-Herring mechanism could hardly operate at room
temperature. Also, as the activation energy of Nabarro-Herring diffu-
sion is much higher than that of Coble creep and GBS, the latter are
much easier to operate in NC metals. Nabarro-Herring diffusion was
therefore ruled out as the dominating mechanism.

Alternatively, the attribution of GB related creep mechanisms (i.e.,
GBS and Coble creep) for creep rate could be calculated as [27]:
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where k is the Boltzmann constant, b is the Burger vector, μ is the shear
modulus, σs is the stress, Ω is the atomic volume, and δ is the effective
diffusive thickness of GB. The diffusion coefficient (Db) is related to
temperature by an Arrhenius-type equation, as [39]:

= ⎛
⎝

− ⎞
⎠

D D Q
RT

expb 0 (8)

where Q is the activation energy of diffusion. The vacancy and atoms
are not easy to diffuse while the Q is large.

For Mo, the relevant parameters as aforementioned were listed as:
b=2.73× 10−10 m, μ=1.34×105MN/m2, Q=263 KJ/mol,
D0=5.5×10−14 m3/s, Ω=1.53×10−29 m3, δ=2b, R=8.314 J/
(mole∙K) [39]; σs was derived from the calculated instantaneous stress
upon nanoindentation testing. Then, the calculated creep rates corre-
sponding to GBS and Coble creep of Mo were deduced as shown in
Fig. 6. The creep rates calculated with Eqs. (6) and (7) were several
magnitudes lower than those derived from nanoindentation testing as
shown in Fig. 3. Hence, GBS and Coble creep could also be ruled out as
the dominating deformation mechanism. Indeed, the values of m shown
in Fig. 5 were all much smaller than that of Coble creep (m=1) and
GBS (m=0.5), confirming the argument based on creep rate analysis
shown in Fig. 6.

4.2. Dislocation creep mechanisms

It was well documented that plastic deformation of bcc metals was
generally dominated by screw dislocation kink-pair nucleation, and the
core structure of screw dislocations was non-plannar, spreading into
various lattice planes. Then, different from fcc metals that exhibited
higher m at smaller grain sizes, bcc metals generally showed opposite
trend as higher m appeared at larger grain size [19]. The higher m in
coarse-grained bcc metals was believed to be closely related to the

Fig. 5. Strain rate sensitivity (m) plotted as a function of penetration depth (h)
for selected metals, with the references [29,36–38] and the first author corre-
sponding to each data point given.

Fig. 6. Creep strain rate plotted as a function of instantaneous applied stress
calculated based on GBS and Coble creep mechanism.
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movement of screw dislocations, and m would be effectively reduced as
screw dislocation density monotonically decreased with decreasing
grain size [21].

For NC Mo, specifically, Cheng et al. [21] indicated that screw
dislocation density monotonically decreased as grain size d was de-
creased, and nearly vanished when d < 100 nm, for only pure edge
and mixed dislocations remained when 30 nm < d < 100 nm. As the
grain size of the present NC Mo was estimated to be 38.2 nm, it was
reasonable to deduce that the dislocations of Mo thin films were pure
edge and mixed dislocations. Therefore, the value of m derived at
deeper penetration depths, which represented the intrinsic rate de-
pendent strength of NC Mo, should be small. Under such circumstances,
the attribution derived from dislocation mechanism to m was discussed
immediately below.

For the present NC Mo, the dislocation structures consisted mainly
of pure edge dislocation and mixed dislocation (containing screw and
edge components) [21,44]. As the mobility of edge and screw compo-
nents/dislocations were quite different in bcc metals, the strain rate
sensitivity could be described as [19]:

=
∂
∂m

γ
τ

1 ln ̇
ln (9)

where τ is the shear stress and γ ̇ is the strain rate, which could be
obtained using the Orowan equation, as [44,45]:

= +γ ρ b v ρ b v̇ s s s e e e (10)

Here, ρ is the dislocation density, b is the Burgers vector, and v is the
mobility speed. The subscripts s and e represented edge and screw
components/dislocations, respectively.

Similar to the mechanism that kink-pair nucleation of screw dis-
location led to higher m in coarse-grained bcc metals, the screw-com-
ponent in a mixed dislocation might also cause increased m. The in-
crement of m could be enhanced at shallow penetration depths due to a
special surface effect working on screw dislocation [46]. Specifically, a
compression test on Mo pillar indicated that screw dislocation mobility
could be enhanced in the region where free surface was nearby, and
that the surface affected zone could be larger than 1 μm [46]. In the
present study, all the penetration indentation depths were within the
surface affected zone. Therefore, the value of m was mainly attributed
by the mobility of screw components, which would increase as the
penetration depth (especially h < 100 nm) was reduced (where the
surface effect was enhanced). Under such conditions, the value of m was
mainly dominated by the slip of the screw-components in a mixed
dislocation, as:

=
∂
∂

≈
∂

∂m
γ
τ

ρ b v
τ

1 ln ̇
ln

ln
ln

s s s

(11)

4.3. The effects of strength on m

Other than the surface effect, the ISE of m might also be attributed
to the strength/hardness of NC Mo. In our previous study [44], inverse
ISE concerning the hardness of the present NC Mo was identified, for its
hardness decreased with decreasing penetration indentation depth.
Built upon the analysis of Wei [19], the strain rate sensitivity could be
described as:

=
× ∗m kT

H V
3 3

(12)

where H is the indentation hardness, and V⁎ is the apparent activation
volume representing the area swept out by a gliding dislocation at ac-
tivation event. In general, the motion of screw components/dislocations
is facilitated by kink-pair nucleation mechanism. Therefore, V⁎ could be
expressed as [20];

= × ×∗ ∗V b ξ l (13)

where b is the Burgers vector of the dislocations, ξ represents the height
of a kink and it is a constant value (about one atomic distance) at a
given temperature. l⁎ is termed as the critical distance between the two
kinks in a kink-pair, which is the inverse proportional function of the
square root of the applied stress [19,20]. According to Eq. (13), it had
been indicated that the apparent activation volume of bcc metals was
the function of the square of the applied stress as well, which should
decrease to nearly constant under large applied stresses [19] such as the
giga Pascal stresses underneath the indenter. As discussed in 4.2, the
movement of screw-components in a mixed dislocation dominated the
slip of a mixed dislocation at shallow penetration depths, therefore V⁎

was derived by the kink-pair nucleation of screw components and
should be a constant value under the giga Pascal stress. Consequently,
the value of m should be inversely proportional to hardness (H) ac-
cording to Eq. (12). In addition, the relationship between m and H
(inverse ISE) [30] was presented in Fig. 7. Apparently, the value of m
decreased with increasing H at shallow penetration depth
(h < 100 nm), which turned out the theoretical result.

4.4. LSR dependent m

The strength effect based on Eq. (12) could also explain the LSR
dependent m at each penetration indentation depth. Faster LRS should
result in higher hardness [3] and hence smaller m, which is consistent
with the LSR dependent m observed in Fig. 4 and Fig. 7. In addition, as
higher rate sensitivity was likely related to enhanced GB activities [47],
the higher m derived at slower LSR indicated that more GB-mediated
mechanisms might be involved. Since Coble creep and GBS were al-
ready ruled out as the dominant mechanism, interaction between dis-
location and GBs was proposed as an alternative candidate, as eluci-
dated below.

For NC metals, the stress required to nucleate a dislocation inside
nanoscale grains (e.g., the present 38.4 nm grained Mo) was extremely
high [48]. Therefore, dislocation sources located in grain interior could
hardly operate, and dislocations might be emitted from and eventually
absorbed by GBs [49]. The emission and absorption processes involving
the interaction between dislocation and GBs were LSR dependent and
could effectively alter the microstructural and local stress state in GB
regions [27], as faster LSR causes higher local stress and more hetero-
geneous grain structures and vice versa. The generated high stress and
heterogeneous structure at faster LSR during the loading period of in-
dentation testing could effectively impede the emission and absorption
of dislocations at GBs during the subsequent creep period. Accordingly,
the strain rate sensitivity index at faster LSR was lower than that at

Fig. 7. The relationship between strain rate sensitivity (m) and hardness (H)
[30] of BCC-Mo at settled LSRs (0.005–0.2 s−1).
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slower LSR, as interaction of dislocation and GB was a high rate-sen-
sitive process in NC metals [50].

5. Conclusion

By evaluating the creep rate and strain rate sensitivity via na-
noindentation creep testing, the indentation depth and LSR dependent
creep deformation behavior of NC bcc-Mo thin films were system-
atically investigated. Specifically, the strain rate sensitivity m increased
with decreasing indentation depth at each applied LSR, and faster LSR
resulted in smaller m at given penetration depth. It was proposed that
such variation trends of m were caused by the surface effect driven
screw dislocation mobility as well as the unique dislocation structure
within nano-sized grains. Even though the variation trends were
somewhat similar to those derived from fcc metals or even metallic
glasses, the present study demonstrated that the underlying creep me-
chanisms were tightly related to the bcc-characteristic-microstructures
of NC Mo thin films, which might be quite different from those oper-
ating in other metallic atomic structures.
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